Local glass transition temperature Tg(z) of polystyrene next to different polymers: Hard vs. soft confinement United-atom molecular-dynamics computer simulations of atactic polystyrene (PS) were performed for the bulk and free-standing films of 2 nm-20 nm thickness, for both linear and cyclic polymers comprised of 80 monomers. Simulated volumetric glass-transition temperatures (T g ) show a strong dependence on the film thickness below 10 nm. The glass-transition temperature of linear PS is 13% lower than that of the bulk for 2.5 nm-thick films, as compared to less than 1% lower for 20 nm films. Our studies reveal that the fraction of the chain-end groups is larger in the interfacial layer with its outermost region approximately 1 nm below the surface than it is in the bulk. The enhanced population of the end groups is expected to result in a more mobile interfacial layer and the consequent dependence of T g on the film thickness. In addition, the simulations show an enrichment of backbone aliphatic carbons and concomitant deficit of phenyl aromatic carbons in the interfacial film layer. This deficit would weaken the strong phenyl-phenyl aromatic (π−π) interactions and, hence, lead to a lower film-averaged T g in thin films, as compared to the bulk sample. To investigate the relative importance of the two possible mechanisms (increased chain ends at the surface or weakened π−π interactions in the interfacial region), the data for linear PS are compared with those for cyclic PS. For the cyclic PS, the reduction of the glass-transition temperature is also significant in thin films, albeit not as much as for linear PS. Moreover, the deficit of phenyl carbons in the film interface is comparable to that observed for linear PS. Therefore, chain-end effects alone cannot explain the observed pronounced T g dependence on the thickness of thin PS films; the weakened phenyl-phenyl interactions in the interfacial region seems to be an important cause as well. Published by AIP Publishing.
I. INTRODUCTION
Understanding vitrification is a major challenge in soft condensed matter physics. This phenomenon is already hard to understand for simple liquids, 1-5 while our present study is concerned with the glass transition in polymers, which can have many specific topologies, such as linear chains, rings, or branched structure. The possible kinetic pathways of cooperative molecular rearrangements are highly restricted in the glasses produced by vitrification of the low-molecularweight compounds. 6 By contrast, for polymers, the transformation from a liquid (polymer melt) to a solid (polymer glass) takes place in a continuous manner over a temperature range. Its characteristic feature is that as temperature is lowered, structural relaxation times and the polymer-melt viscosity increase rapidly up to a point where further structural relaxation becomes experimentally inaccessible. 1, [7] [8] [9] [10] [11] The glass transition temperature T g is operationally defined as the temperature at which the viscosity reaches a) Authors to whom correspondence should be addressed. Electronic addresses: a.v.lyulin@tue.nl and doyoon@stanford.edu 10 12 Pa·s, and the dominant relaxation time becomes ∼10 2 s. Even though such a dramatic slowing down in the motion of chain segments is easily detectable, [12] [13] [14] [15] scattering experiments hardly show any accompanying change in the polymer static structure upon vitrification. 16 No unified theoretical understanding of the glass transition in polymers is yet available. Nevertheless, it is one of the most important properties of amorphous polymers, both practically and theoretically. Even more difficult challenges can be expected when the glass transition is studied in thin polymer films rather than bulk polymeric systems. 3, 17, 18 A better understanding of the physics of polymers under confinement in general is relevant to fields as diverse as lubrication, filtration, enhanced oil recovery, and transport through membranes. 19 A porous medium, for example, can be used as a probe to gauge the characteristics of confined polymer systems. 20 Moreover, the study of the confinement-induced changes in the structure and dynamics of polymers may help elucidate the activity of biological polymers near cells. 21 Many review articles have been published on the molecular mobility and glass transition phenomena in polymer thin films. 3, 17 Here we highlight only those we believe to be important for this study. Experimentally, it has been observed that the confinement due to the presence of supporting solid surfaces or/and free surfaces drastically changes the static as well as dynamic behavior of polymer chains in thin films with thicknesses below ∼100 nm. These experiments typically use ellipsometry, [22] [23] [24] Brillouin light scattering, 25 X-ray reflectivity, 26, 27 positron annihilation lifetime spectroscopy, 28 neutron reflectivity, 29 dielectric spectroscopy, [30] [31] [32] or calorimetric 33 methods. The glass transition temperature is usually defined 34 as an abrupt change in the material's thermal expansion coefficients or heat capacity upon cooling. As a result, the definition of T g is not ambiguous. However, the difference in thermal expansion coefficients (or heat capacities) between the liquid and glass state could be substantially changed as the film thickness decreases below ∼100 nm. 17 Absolute values of the thermal expansion coefficients themselves might change as well. Which thermal expansion coefficient, between that of a polymer liquid or of a glass, changes faster upon decreasing the film thickness has not yet been experimentally clarified.
It is significant that the polymer interfacial properties, structural or dynamic, are not the same at the interface with a supporting substrate as at a free surface. Studies of free-standing polymer films with two identical interfaces lack these issues, but they are experimentally very challenging. 37 Existence of two free interfaces should give rise to a much larger decrease of the glass transition temperature with deceasing film thickness. This has been confirmed in the first experiments on free-standing polystyrene (PS) films. 17 The decrease in glass transition temperature with decreasing film thickness observed for PS is most pronounced among all the polymers investigated so far. 3, 18 In contrast, poly(αmethyl styrene), PαMS, (its structure differs from PS by only one additional methyl group at the α-carbon of monomer unit) shows a drastically different behavior. For instance, Paeng and Ediger, 18 using a photobleaching technique, found that the mobile free-surface layer observed for the PS freestanding films is nearly absent in the case of PαMS. The authors suggest that some specific packing effects of PαMS chains and different monomer ordering at the film surface might be responsible for this absence. The spontaneous particle embedment experiments, recently performed by Karim and McKenna 38 to obtain the surface compliance of PαMS films close to T g , also show the PαMS surface remains mechanically stiff, which may be related to the observation of Paeng and Ediger. 18 In this regard, recent NEXAFS experiments 39 show that in the case of PαMS the orientation of the phenyl rings at the film surface is much weaker than that observed for PS films, wherein the phenyl rings are preferentially oriented perpendicular to the film plane only at the top surface. However, it is not clear how this surface orientation of the phenyl groups is related to the molecular mobility in the interfacial layer.
A popular theoretical explanation of the observed T g decrease in thin, free-standing polymer films was suggested long ago by de Gennes. 40 He hypothesized that polymer chain ends are concentrated at the interfaces where they create layers of higher segmental mobility. For thinner films, these layers constitute a larger portion of the film. Hence, their statistical weight in the film-averaged glass transition temperature becomes more significant. This leads to a decrease of the glass transition temperature with decreasing film thickness. In this regard, it should be noted that the sliding model of de Gennes 40 for thin film T g was extensively and critically studied. We note only that in the experiments that show a strong T g dependence on film thickness, quite long polymers are often studied, with molecular weights above 100 000 (monomer units > 1000). In this case, the effect of the chain ends should have negligible effects. It is important to recognize that studies of cyclic polymers with no chain ends have not yet been carried out; these could provide valuable insights into the film-thickness dependence of T g .
Recently, thermodynamic models of the glass transition in confined polymers were proposed to describe the filmthickness dependence of T g in free-standing thin films. [41] [42] [43] They are based on the assumption of uniform segment density across the film thickness and, hence, do not take into account the possible non-uniform distribution of chain ends and/or strongly interacting chain moieties, such as phenyl groups of PS chains.
Therefore, the available experimental data and theoretical models do not present a clear picture of the variation of T g reduction in thin (and especially free-standing) polymer films nor do they suggest a physical mechanism for this phenomenon. The underlying specific effects of free interface, polymer-substrate interactions, and monomer structure are difficult to delineate, and therefore, their individual contributions are not well separated. Such a separation could be carried out via computer simulations, [44] [45] [46] [47] [48] [49] [50] [51] [52] [53] but simulations introduce an additional complication: the cooling rates are much faster by a factor of ca. 10 11 than those used in experiments, which causes a shift in the glass transition temperature to higher values. 54 Moreover, the surprisingly strong dependence of T g reduction in thin polymer films on the monomer structure, as shown by the experiments for PS versus PαMS, clearly demonstrates the critical need to carry out the simulations with full account of detailed monomer structures and their interactions. The experimentally observed T g dependence on film thickness is most pronounced for PS. 3, 17, 18 In this regard, we note that molecular-dynamic simulations of the interfacial structure in glassy free-standing PS films have not been performed.
In the present study, we perform the first moleculardynamics simulations of the united-atom model of atactic polystyrene (PS) in the bulk and in free-standing films in the vicinity of the glass transition temperature for both linear and cyclic polymers. Our choice of PS is dictated by the fact that the experimentally reported confinement effects on the glass transition are most pronounced for this polymer. 3, 17, 18 In this work, we use the united-atom approach in which hydrogen atoms are not modeled explicitly while still keeping a sufficient level of the chemical details. This allows us to simulate larger systems and implement slower cooling rates. Our main objective is to answer the following two questions on thermal and structural properties of PS films:
(1) How large are the confinement effects (if any) for free-standing films of linear and cyclic PS on their T g reduction and thermal expansivity, and what are the corresponding roles of the chain ends and phenyl-phenyl (π−π) interactions? (2) How can one compare the vitrification characteristics in free-standing films produced in silico and in vitro given the vastly different cooling rates in the two cases?
In future work, we also plan to investigate how sensitive the interfacial properties (concentration of chain ends and phenyl rings, bond orientation) are to the atomistic details of PS versus PαMS, given the surprising experimental findings discussed above.
Here we report on our first results on structural and some thermal properties (glass transition temperature and expansion coefficients); the details of segmental dynamics will be a topic of a future publication. We also include some results of a united-atom model that slightly differs from that of PS. The structure of the paper is as follows. In Sec. II, the models and simulation algorithms are explained. In Sec. III, we present a careful consideration of the quality of the equilibration and finite-size effects and investigate the possible influence of the aging on the structural properties in the simulated time window, followed by the discussion of the characteristics of the simulated PS bulk glass transition. Then we discuss the density profiles used to calculate the film density, which were used to extract the glass transition temperature. Finally, we discuss the reduction of T g in films, as well as thermal expansion coefficients and the interfacial structural properties. The paper is finalized with Sec. IV.
II. SIMULATION ALGORITHM AND MODELS UNDER STUDY
Simulations have been performed for both linear and cyclic atactic PS. Both the bulk polymers and free-standing thin films were investigated. Each film consists of 8, 16, or 32 chains. Each chain contains 80 monomeric repeat units; hence, their molecular weight (ca. 8330) is below the entanglement value. All bulk polymer samples contain 8 chains with 80 monomers per chain.
Periodic boundary conditions have been applied, in three dimensions in bulk, in two in free-standing films. Fig. 1 shows snapshots of two films, plus the monomeric structure in a united-atom presentation.
As in the previous studies, [48] [49] [50] [51] [55] [56] [57] the united-atom model has been applied in the simulations. The hydrogen atoms were collapsed onto the corresponding carbons, and the combined atoms were treated as effective particles. The structure of the PS monomer unit is shown in Fig. 1(a) . It consists of two backbone (-C-H-CH 2 -) atoms and the phenyl ring-the aromatic side group of six united atoms. The stereochemical configurations of the aromatic groups were generated at random, so that the ratio of meso to racemic dyad ended up near unity. The configurations of the aromatic groups were generated independently for each polymer chain. In addition to the simulations of linear chains, cyclic polymers have been created. The corresponding bulk materials and films have been investigated as well. For cyclic polymers, the internal knots and concatenation of the polymeric rings were prevented during the preparation step.
Interactions between the united atoms are given by the following potential:
The first term denotes the non-bonded contribution, the second stretching, the third bending, and the last the torsional contribution. The PS united-atom force field is identical to the one employed in our previous studies of the glass transition in bulk PS; [55] [56] [57] for details, see Refs. 55-57 and the references therein. No Coulombic interactions are taken into account. We also minimally modified the PS united-atom force field 58 (see below) to study the effects caused by the presence of additional methyl side-groups attached to the α-carbon of chain backbone to mimic PαMS. The velocity Verlet algorithm 59 was used to integrate Newton's equations of motion with a time step of 4 fs. The temperature was controlled using a collisional thermostat. 60, 61 All the simulated systems were initially equilibrated at 600 K (see the details in Sec. III A of the paper). The polymer bulk simulations were started by placing the all-trans conformations of 8 parallel chains in a large simulation box of 210 × 210 × 210 Å 3 which corresponds to the density of 0.012 g/cm 3 . This periodic box was then compressed isotropically with the velocity of 0.1 Å/ps until the density of 1 g/cm 3 was reached. At the end of the compression, a short (about 500 ps) NVT run was performed, during which the box dimensions were fixed at about 50 Å in each direction. 50 Å is large compared to the chain individual gyration radius, which is about 20 Å for linear PS. In doing so, polymers will not overlap with themselves. Subsequently, the system was further equilibrated in the NpT ensemble at zero pressure using a Berendsen barostat. 59 The pressure stayed fixed at zero for the bulk-production NpT simulations, which allowed the box size to fluctuate in response to temperature changes; see also Fig . S1 in the supplementary material. The total equilibration time was about 1 µs. Eight independent samples were prepared in this way. All the following results were produced by the corresponding averaging over the independent samples. The same procedure was used to prepare the samples of cyclic PS.
For free-standing film simulations, the equilibrated samples of PS melts from above (T = 600 K, almost cubic boxes of about 50 × 50 × 50 Å 3 ) were first compressed in the Z direction and extended laterally with the velocity of 0.1 Å/ps. At the end of this stage, the lateral periodic box dimensions were kept fixed at 70 Å. After some NVT equilibration, the film was placed in the middle of a box in which the Z direction had been increased to 200 Å and the periodic boundary conditions removed in this direction. This way two free interfaces were created. All the film simulations have been performed in the NVT ensemble, keeping the size of these anisotropic boxes fixed. Note, however, that the effective pressure acting on the free surfaces equals zero, just like in the bulk simulations. The thicker films were produced by increasing the prepared configurations in the Z direction and providing some further equilibration. The film thickness (its dimension in the Z direction) depends on the number of molecules. At T = 600 K, it is 100 Å for 32 chains, 50 Å for 16 chains, and 25 Å for 8 chains, all this for linear and cyclic polymer-films alike. For all films, the lateral box size was fixed at 70 Å. Equilibrated PS films with 8 and 32 chains are shown in Figs. 1(b) and 1(c), respectively.
In all simulated films, bulk density was observed in the very middle of the films. We tried to create thinner (12.5 Å), free-standing films, applying the same procedure as explained above, for the system with 4 polymer chains only. In this case, the monomer density in the middle of these films was almost one half of the corresponding values in the polymer bulk at the same temperature and zero pressure. Therefore, we did not continue with these 4-chain film simulations. To study thicker films (>10 nm) and achieve at the same time a compromise with increasing computational expenses, the lateral dimensions of the 16-linear-chain PS films were decreased by a factor two, while the vertical box size was doubled. This made it possible to create free-standing films of about 20 nm thick.
Subsequently, all the samples, both the films and the bulk, were cooled at a velocity of 0.01 K/ps starting from T = 600 K. This simulated cooling is extremely fast compared to the cooling rates used in typical experiments, ca. 0.1 K/s. The effect of this simulated faster cooling, by a factor of ca. 10 11 , will be discussed later. The cooling was performed in a temperature range between 600 K (well above the glass-transition temperature for both polymers) and 240 K (well below the glass transition). For each system (linear and cyclic, in films and in bulk), a short 500 ps production run was subsequently performed at each selected sampling temperature, starting from the initial configurations obtained during the fast cooling run. During the production run, the polymer configurations were stored every 4 ps for further analysis. In order to improve the statistics, the simulations were performed starting from eight independently generated and well-equilibrated samples at 600 K for each film and bulk sample investigated in this work.
III. RESULTS AND DISCUSSION

A. Equilibration
Equilibration of all the PS samples has been performed at T = 600 K for about 1 µs, well above the glass-transition region (which is around 450 K under the fast cooling condition applied here; see below). Averaged auto-correlation functions for the chain end-to-end vector (and the characteristic ratios for different intermediate distances) were measured during the last 300 ns of the equilibration run, as shown in Fig. 2 . For a PS melt at this high temperature, it took about 280 ns for the end-to-end vector to relax sufficiently; the total equilibration time was a few times longer.
In order to quantify the equilibration further, the characteristic ratio
was calculated in a bulk (linear) PS melt, as shown in Fig. 2 .
Here R 2 N is the squared distance between two segments separated by N backbone bonds and l b is the equilibrium length of the chemical bond in the backbone, l b = 0.153 nm. 62 The values of C ∞ have been calculated by fitting C N vs 1/N, as suggested by Wittmer et al., 63, 64 
This matches our previous simulations as well as available literature data; [55] [56] [57] see also Fig. S2 in the supplementary material. In thin films (not shown), the results are quite similar.
As was explained above, at each intermediate selected temperature short production runs of 500 ps were performed. Well above the glass transition, the polymer system is in equilibrium; the density (and other thermodynamic properties) remain constant on average and fluctuate around their equilibrium values. Upon approaching the glass transition, aging phenomena (see, for example, Reference 65) become more and more pronounced. They lead to a slow increase of polymer density over time. The time evolution of density at different temperatures is shown in Fig. 3 (a) for PS bulk; to study this evolution, rather long runs of ∼300 ns have been carried out. Indeed, well above the glass transition temperature, at T = 600 K, the density is on average constant. At T = 420 K, a temperature close to the glass transition under the rapid cooling condition (T g = 447 K), aging is quite pronounced: the density increases over time. At T = 320 K, well below the glass transition, aging was observed to occur extremely slowly. To estimate the characteristic aging time, the time evolution of the non-bonded (van der Waals) interactions was monitored. Fig. 3(b) shows the time dependence of the normalized (to the initial value at the beginning of the production) monomer-monomer, van der Waals potential energy for PS bulk, well below and around the bulk glass transition. A stretched exponential fit of this dependence (used here just for an illustration, as the final van der Waals energy will never reach zero) gives the characteristic aging time of about 20 µs. This value is much higher than the production time (500 ps) at each intermediate temperature, meaning that the density (and other statistical properties) can be considered constant during the data production, even close to T g , since the aging effects in the simulated time windows are negligible.
B. Bulk glass transition
The glass transition was simulated by monitoring the temperature dependence of the density or specific volume. NpT (p = 0) MD cooling runs have been carried out for bulk PS of both linear and cyclic chains, starting from T = 600 K, as shown in Fig. 4 . A change in the thermal expansion coefficient upon cooling at 0.01 K/ps can be clearly observed in the simulated results. In Fig. 4(a) , comparison with available PVT (Pressure-Volume-Temperature) measurements 34 for linear PS of M w = 9000 is also shown. It is obvious that in the high-temperature regime the simulated and experimental PS bulk densities are very close to each other. This validates the force field in use. We also checked for finite-size effects by simulating the larger PS box, doubling the amount of polymer chains. The density-temperature dependence is not changing (see Fig. S3 of the supplementary material), and the produced glass-transition temperature remains the same. The thermal expansion coefficients from the high temperature region (the melt) and the low temperature region (the glass) were obtained from the linear fits of the data in Fig. 4 .
The glass transition temperature is taken to be the temperature at which the two fitted linear lines cross. The temperature range of the fit was varied, and the error bars (see Table I below) are calculated based on this variation. The transition temperature region itself is excluded from this fit. The vertical arrows in Fig. 4 indicate the values of T g obtained in this way. As seen in Fig. 4(a) , the difference between the simulated and the experimental T g values is rather large, about 82 K. However, considering that the simulated cooling rate is extremely faster than that of typical experiments, by a factor of ca. 10 11 , the estimated shift of T g according to the well-known Williams-Landel-Ferry (WLF) equation 66 with the universal values of C 1 = 17.44 and C 2 = 51.6 K is ca. 88 K. 54 If we apply the recently determined values of Vogel-Fulcher-Tammann parameters (B = 3288; T 0 = 308 K) for PS with M w of 90 000, 67 the corresponding values of C 2 = (T g T 0 ) = 57 K and C 1 = B/2.303 C 2 = 25, 66 taking T g = 365 K from Fig. 4(a) , lead to the estimated T g shift of 45 K. Therefore, the predicted T g value of PS is found to be in good agreement with experiments considering the limits of applying the WLF equation. Moreover, very promising results (which are not a priori expected) are the values of the thermal expansion coefficients (see also the results in Fig. 8 and the discussion). That is, very good agreement between the simulations and the PVT experiments is observed-both in the melt (5.6 × 10 4 K 1 (exp) vs 4.7 × 10 4 K 1 (sim)) and in the glassy state (2.0 × 10 4 K 1 (exp) vs 2.3 × 10 4 K 1 (sim)). The thermal expansions and the T g values were also estimated for cyclic PS bulk. We believe that all the simulated thermal expansion coefficients (also those for films) can be directly compared with experiments (if available), in spite of the fact that the simulated glass-transition temperatures are very much shifted upwards as compared to the experimental data.
For cyclic PS, a slight shift to a higher (compared to the values for bulk samples of linear chains) value of the glass transition temperature can immediately be observed. This is interesting and is consistent with the experimental observations 68 for PS, as well as the results of Kremer's group for for polydimethylsiloxane (PDMS) melts 69 that show a nonmonotonic, non Fox-Flory, molecular-weight dependence of the glass transition temperature for cyclic polymers, which remains higher than that for linear polymers. These characteristics including the shift to the higher T g values for cyclic polymers may be understood by thermodynamic arguments since the configurational entropy of the cyclic chains in melts is smaller than that of linear polymers. 69
C. Monomer-density profiles
Film densities were calculated from monomer density profiles. Fig. 5 presents the results for PS films of 32 chains at different temperatures. All other films of different thicknesses show a similar behavior: the film thickness increases with the temperature, and, hence, the average film density decreases with temperature. The density reaches a plateau value in the middle of the film and drops near the free surfaces. We also checked for possible finite-size effects by narrowing the simulation box from 7 nm to 5 nm for the linear PS film composed of 8 chains. The corresponding film density profiles do not change; see Fig. S4 in the supplementary material. The glass transition can be extracted by measuring the density in the middle part of the film, or by measuring the film thickness (using Gibbs dividing surfaces or a similar criterion). In the present study, we closely follow the procedure suggested by some of us earlier. 48 Basically, the film density has been obtained from an average between the very last two peak values at the edges of the plateau region. The glass transition can also be calculated from the measurement of the film thickness 48 in analogy with experimental protocols. We have verified that this produces equivalent results (Fig. S5 in the supplementary material compares the methods). It is important to note that for thick (above 10 nm) simulated films the density in the middle of the film is equal to the corresponding bulk density at the same temperature (see the horizontal lines in Fig. 5(a) ). For the 10 nmthick cyclic PS films, the density profiles are very similar to those for linear-chain films, as can be seen in Fig. 5(b) . However, for thinner films there is a difference, which leads to the different simulated glass-transition characteristics for thin films of linear and cyclic PS, as will be discussed below. The interfacial layer thickness can also be calculated from plots as in Fig. 5 . For all the films in the simulated temperature range, the thickness of the interfacial layer is about 10 Å at 600 K and slightly (by 2-3 Å) decreases upon cooling. Other interfacial characteristics, such as the distribution profile of different chemical moieties and the segment orientations, will be discussed later in the manuscript.
D. Film glass transitions
The dependence of specific volume on temperature for linear PS is shown in Fig. 6 . The corresponding curves for the cyclic analogues have also been simulated but are not presented. The numbers denoted in the figure indicate the simulated glass transition temperatures, estimated as explained above, by using the linear fits to the data. It can immediately be seen that thin films made of linear chains have decreased (as compared to bulk) values of T g . For 2.5 nmthick films, this decrease can be nearly 56 K. All the simulated glass transition temperatures of various film thicknesses, both for linear and cyclic polymers, are summarized in Table I below.
For cyclic polymers, the confinement also leads to decreased glass transition temperatures with decreasing film thickness. The decrease is slightly weaker, however. This difference, we believe, is due to a lack of chain ends. The same data are presented in Fig. 7 , which shows the thickness dependence of the glass-transition temperature. From the results of this figure and Table I, we also conclude that in general the glass-transition temperature for cyclic polymers seems to be slightly higher than for linear ones, although this should be taken with some caution because of rather small differences and rather large error bars.
E. Thickness dependence of T g for PS films
As mentioned above, for both linear and cyclic PS films the simulated glass transition temperature decreases with decreasing film thickness. This is clearly seen in Fig. 7(a) , where the thickness dependence of the normalized (to the simulated T g of the corresponding bulk) film glass transition temperature is shown. In Fig. 7(a) , this dependence is fitted using the empirical equation 35, 49 T g H f = T bulk
where T g bulk is equal to the glass transition temperature in the corresponding bulk and H f is the film thickness. The fit gives δ = 1.6 and A = 0.73 nm for the characteristic length, which is quite close to the (discussed earlier) thickness of the interfacial layer in these films.
Recent experiments of the Fakhraai group 70 on supported PS films show that there is a cooling rate, around 60 K/min, above which all the PS film glass transition temperatures vs film thickness data collapse onto each other. This seems to be true for other polymer systems as well. 71 The data from Reference 70 obtained with (high) 120 K/min cooling rate for PS of M w ∼ 46 000 are normalized to the corresponding bulk T g , measured with the same cooling rate and are replotted in Fig. 7(a) for comparison. Given that these experiments were performed with supported films, we include the results obtained for supported PS films from a previous MD simulation study, 49 where a cooling rate of 0.01 K/ps was employed. The normalized experimental results 70 are in nice agreement with the simulations for the supported films, in spite of the huge difference in cooling rates. The fit (Eq. (3)) yields A ∼ 0.1 nm, δ = 0.8 for both the simulated and experimental data. These values are lower than those obtained for the simulated free-standing films. Thus, as compared to the simulated free-standing films, the film thickness dependence of T g for the supported films is weaker. Note, nevertheless, that the experimental data 70 produced with a much slower cooling of 1 K/min show a stronger film thickness dependence, as replotted in Fig. 7(a) . The most important observation in Fig. 7(a) , however, may be that at very fast FIG. 7 . Film thickness dependence of the normalized (to the bulk) film glass transition temperature for (a) linear and (b) cyclic PS films. In (a), the experimental results of Fakhraai group 70 are also plotted for supported PS films. The grey circles in (a) show the simulated data for the supported PS films from a previous study. 49 The dashed lines in (a) are fits using Eq. (3). See the text for more details. cooling rates the effect is noticeable only for very thin films <ca. 10 nm.
In the present work, we did not study the cooling rate effects on the simulated T g suppression; it was not our primary goal considering the enormous computational requirements. Due to the extremely high implemented cooling rates, the range of the confinement effects appears to be much shorter than that observed in experiments. In fact, it was not a priori obvious that the comparison between simulations and experiments was at all possible. Although it may certainly be the case that the interfacial structural changes impact the magnitude of the observed T g decrease, we still cannot exclude the possibility that the features of the T g suppression may be different at experimental time scales. Indeed, the findings of Torkelson's group 31, 72 have suggested that the interfacial gradient in T g is at least of order 10 nm at experimental time scales. Nevertheless, the results in Fig. 7 demonstrate some agreement between simulations and available experiments. Fig. 7(b) shows that for cyclic PS the value of T g decreases by about 5% for the ∼10 nm-thick film as compared to the bulk value. Similar to the case of linear PS, further decreases of the glass transition temperature are observed for thinner films of cyclic PS, although our data exhibit larger error bars. Fig. 8 shows that the thermal expansion coefficients for linear and cyclic PS (10-nm thick) films are about 30% higher than in the bulk at 600 K (well above T g ). The absolute value of this coefficient changes only slightly with decreasing film thickness. In comparison, the absolute values of thermal expansion coefficients for the glassy films seem to remain nearly the same as that for the bulk sample, with no significant effect of the film thickness, within the statistical uncertainty of our data.
F. Thermal expansion coefficients
G. Distribution of chain ends
The decrease of the glass transition temperature in the films is definitely caused by the presence of free surfaces. In the interface region, both the static and dynamic characteristics of polymers differ from those of bulk systems and middle regions of films. The segmental dynamics is not analyzed in the present study; however, we do observe an enhanced concentration of the chain ends in the film interfacial layer. We investigated the location of the backbone vectors, defined as the vectors connecting the consecutive backbone CH 2 united atoms (see Fig. 1(a) ). The number of backbone vectors that are located at the end of the polymer chains, normalized by the total number of the backbone vectors in each 2 Å-thick subdivided layer, is shown for two temperatures in Fig. 9 . In the middle, bulk-like region of the film, this fraction is very close to 2 (ends)/80 (monomers) = 0.025. This corresponds to the homogeneous distribution of the chain ends and is independent of temperature. For all temperatures, we see that at the film surfaces a larger fraction of the backbone vectors are chain ends. As mentioned earlier, the interfacial regions are about 10 Å thick on each side, and the fraction of the chain ends in the interfacial regions increases from 0.06 at T = 600 K to 0.09 at T = 330 K. The strong increase of the chain-end fraction with decreasing temperature indicates that the chain-end segregation in the interfacial layer is driven primarily by the enthalpic effects of van der Waals attractions, rather than the confinement entropy effect.
Our observation regarding the chain-ends distribution is similar to that of Jain et al. 45 in Monte Carlo simulations of a coarse-grained polymer-film model. It is hypothesized that the presence of more chain ends influences the dynamics of the interfacial layer and is responsible for a decrease in the glass transition temperature. The segmental dynamics of the film layers will be a subject for our future studies.
H. Orientation of polymer backbone and phenyl rings
Besides the distribution of backbone vectors and phenyl groups, the orientation of the chain backbone and phenyl rings will also affect the local structure and chain mobility and, hence, the glass transition temperature. The orientation of the backbone is described by the chain vectors connecting the consecutive CH 2 groups, and the orientation of the phenyl groups is denoted by the vector perpendicular to the phenyl ring plane, as shown by the arrows in Fig. 1(a) . The order parameter in Fig. 10 is plotted as a function of the position of these vectors. . The orientation of the backbone (vector between CH 2 groups) is given with respect to the Z axis. The orientation of the phenyl rings (measured as the alignment of the blue normal vector in Fig. 1(a) ) also relative to the Z axis. Half of the film is shown as the averaging has been performed with respect to the middle of the film.
The order is calculated as the second Legendre polynomial,
where θ is the angle between the vector mentioned above and the film thickness (Z) direction. Hence, the order is 1 for vectors oriented perpendicular to the film surface and 1/2 for those oriented perfectly parallel to the surface. Given limited statistics and "frozen in" structures, the data are not perfectly symmetric around the middle of the film, and the averaging has been performed at the same distance from the middle of the film. From the data for linear PS and cyclic PS displayed in Fig. 10 , we can conclude the following:
(1) All the orientations in the middle part of the film are fully isotropic; the order parameter is very close to zero. (2) The orientation of the backbone vectors in the interfacial layer differs for the two polymers, for all temperatures (only T = 330 K data are shown). The backbone vector tends to orient perpendicular to the surface for linear PS, at both below and above (not shown) the glass transition, and parallel to the surface for cyclic PS (PSC). This is caused by the segregation of PS chain-end vectors at the surfaces (Fig. 9 ), which exhibit a strong preference for the perpendicular orientation in contrast to the preference for the parallel orientation of other chain vectors at the surface. The parallel orientation of the cyclic PSC backbone at the surface of the film obviously results from the cyclic nature of these polymers with absence of ends. (3) For both linear PS and cyclic PS, the vectors normal to the phenyl plane show preferential orientation parallel to the surface, indicating that "interfacial" phenyl rings tend to point normal to the surface, in good agreement with NEXAFS results and simulations for PS in 39 .
I. Interfacial layers properties
In Fig. 11 , the united C-atom distribution functions, calculated separately for backbone C-atoms and phenyl C-atoms, are shown for 10 nm-thick films of linear PS (a) and cyclic PS (b), well above (T = 600 K) and close to (T = 450 K) the glass transition. A few conclusions can be drawn here:
(1) At the film surface, there is a higher probability of phenyl C-atoms of linear PS as compared with that of backbone atoms indicating that the phenyl rings are located outwards, in good agreement with the NEXAFS experiment. 39 This is also consistent with the snapshots of Fig. 1. (2) There is a pronounced peak in the backbone C-atom probability in the interfacial layer approximately 1 nm below the top surface, as shown by the dashed curves in Fig. 11(a) .This is accompanied by a deficit of phenyl Catoms since the total film density in this layer is identical to the middle region (see Fig. 5 ). (3) The deficit of the phenyl rings in the interfacial layer slightly increases upon a decrease in temperature, as indicated by a larger excess of the backbone C-atoms seen in Fig. 11(a) . (4) The observed deficit of the phenyl groups in the interfacial layer is also seen for cyclic PS.
For both linear and cyclic PS, the deficit of the phenyl rings would decrease the corresponding phenyl-phenyl aromatic (π−π) interactions, which represent stronger segmental attractions as compared with those of backbone aliphatic carbons. Such a loss of strong inter-segmental attractions would tend to result in greater segmental mobility in the melt, and hence FIG. 11 . Distribution for the backbone C-atoms (solid lines) and phenyl C-atoms (dashed lines) of 10-nm thick films of (a) linear PS, (b) cyclic PS, and (c) modified geometry. For the linear PS film, the results have been plotted for two temperatures, well above and close to the simulated glass-transition temperature.
Plotted is the probability that backbone united C-atoms and phenyl C-atoms are located in each 1 Å thick sublayer. Half of the film is shown as the averaging has been performed with respect to the middle of the film. The additional united-atom groups of the modified geometry are not included in the calculation.
this may cause the observed reduction in the glass transition temperature in PS films. Fig. 11(c) shows that upon a slight modification of the PS structure to mimic PαMS, the backbone and phenyl Catoms do not exhibit any preferential location in the film. Our modified polymer geometry contains an additional CH 3 united-atom group, which is bonded to the backbone αcarbon of the PS monomer unit.
J. Modification of backbone geometry
In addition, the equilibrium value of the C α −−CH 2 −−C α valence angle, adapted following Sundarajan, 58 is equal to 122 • . This valence angle is 109.5 • for the PS force field; our modification is clearly inspired by the previous work on PαMS. 58 The lack of preferential location of both backbone C-atoms and phenyl rings might cause a weaker thickness dependence of the T g for PαMS films. However, at this point we can only conclude that the monomer structure really matters. Other data (not shown) indicate strong dependence of backbone and phenyl orientation on the monomer modification as well. A better tested and refined model is needed for further comparison between interfacial layer properties of PS and PαMS and how these influence the glass transition.
IV. CONCLUSIONS
Using a molecular dynamics technique and employing a united-atom force field, for the first time we have simulated the reduction of the glass transition temperature of both linear PS and cyclic PS in free-standing thin films. We show a good agreement with the reported experimental results, taking into account the huge differences in the implemented cooling rates. The density in the middle of the films is comparable to that of bulk systems, while it decreases at the film surface. The density in the present united-atom simulations also compares well with that obtained using the fully atomistic models. 73 We find that for linear polymers the glass transition temperature decreases strongly with film thickness below 10 nm. This decrease must be due to the presence of free surfaces, as the interfacial properties, dynamics as well as static structure, differ from those of the bulk-like middle regions. As has been suggested in the literature, 40, 45 we also observed an increase in the fraction of chain ends in the surface layer. The increased mobility of these free end-groups would cause a higher mobility of the interfacial layers, thereby possibly decreasing T g . Another explanation for the glass transition temperature reduction in thin PS films is a weakened interaction between strongly interacting aromatic phenyl rings. We find indeed that in a layer approximately 1 nm below the surface the density of backbone C-atoms peaks, while that of phenyl ring atoms dips. This will decrease the phenyl-phenyl aromatic (π−π) interactions between phenyl rings of PS chains in this interfacial layer and, hence, increase the chain mobility in this and adjoining layers. As a result, the interfacial layer of the PS film would exhibit higher mobility near T g as compared with the bulk and this may be the source of the observed reduction in the glass-transition temperature in thin PS films, most pronounced among all the polymers investigated so far. 3, 17, 18 All these effects have also been observed in fully atomistic simulations of PS. 73 In order to test which of the two mechanisms, increase in the fraction of end groups versus weakening of phenyl-phenyl aromatic (π−π) interactions, is predominant, we compared the films comprised of linear and cyclic PS chains. For both polymers, the glass transition depends strongly on the film thickness, albeit this dependence is slightly weaker for cyclic PS. In addition, the preferential segregation of the backbone C-atoms and the concomitant deficit of phenyl C-atoms in the interfacial region are comparable for linear and cyclic PS films. Of course, the surface segregation of end groups and the preference for vertical orientation of chain vectors in the interfacial layer are absent for the thin films of cyclic PS. Therefore, it is likely that the weakening of phenyl-phenyl aromatic (π−π) interactions in the interfacial layers could be responsible for the reduction of the glass transition temperature in thin PS films; the present results suggest a strong correlation between the film structural features and the T g suppression. However, in linear chains, the increase in the fraction of end groups at the film surface definitely has an additional effect and could be responsible for the stronger T g reduction in linear PS films than in cyclic PS films. Moreover, details of segmental dynamics near T g would also be impacted by the non-uniform distribution of aromatic phenyl rings. This will be the subject of a forthcoming publication. Nevertheless, our previous study 48 of the monomer mobility in free-standing linear PS films, using a similar united-atom model, does show some correlation between the interfacial structural features and dynamically measured T g suppression. The results of Ref. 48 reveal, for example, that interfaces affect α− and β-relaxation processes differently; the α relaxation rate is faster near the free surface and the small-scale structural β-relaxation is faster in the center of the film than near a free surface. A similar effect has been observed in experiments on PMMA by Torkelson and co-workers. 72 The qualitative agreement of our preliminary studies of the segmental dynamics in these films with existing experimental data supports the validity of our computational model for PS.
The results for PS films are also compared with those for a slightly different chain geometry. We found that a small change, such as adding one methyl group to the α-carbon of the PS monomer unit, can give rise to significant differences in structural characteristics in the film surface. For instance, the enhanced density of backbone C-atoms and the accompanying deficit in phenyl C-atom density 1 nm below the free surface disappears. It will be interesting to see if this indeed affects the T g reduction in thin films, since the π−π interactions are no longer weakened in the interfacial region. We plan to investigate this question further with detailed atomistic, as well as united-atom, simulations of PαMS.
The large difference of surface layer mobility in glassy films of PS and PαMS has been observed in recent experiments. 18, 38 The reason for such a strong dependence of glassy film behavior on chemical details of polymers is still poorly understood and computationally underexplored, and hence more detailed, extensive simulation studies are needed. Moreover, we show that the agreement between experiments and simulations, regarding the film thickness dependence of T g , is not only qualitatively but also semi-quantitatively satisfactory, when compared with experiments carried out at quite fast cooling rates.
SUPPLEMENTARY MATERIAL
See supplementary material for figures on the equilibration process, finite size effects, and T g determination.
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